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Abstract

A variety of experiments were carried out to characterize the corrosion kinetics of a longitudinally oriented directionally solidified Ni-
base superalloy, DS GTD-111, commonly applied as a first- and second-stage blading material in electric power generation gas-powered
turbines. Under operating environments, the airfoil sections of turbine blades sustain surface-initiated damage due to the superimposed
centrifugal stresses, elevated temperature and presence of corrosive reactants in the environment. As a consequence, surface cracking
curtails the service lives of such components. To thoroughly characterize the stress-free and stress-assisted kinetics of diffusion and cyclic
oxide rupture, several types of experiments are conducted: low cycle fatigue, thermomechanical fatigue, and thermogravimetric analysis,
among others. A key goal of this study is to provide data necessary for the development of diffusion kinetics models. Accordingly, the
study is divided into two parts: stress-free diffusion and stress-assisted rupture. Models are developed for each of these conditions.
� 2007 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The combination of exposure to reactive environments,
cyclic centrifugal forces generated by high angular velocities
and cycling from room temperature to elevated temperature
manifest a myriad of damage mechanisms in first- and sec-
ond-stage gas turbine blades. One category of microstruc-
tural mechanisms resulting from this interaction of
environmental, mechanical and thermal conditions is that
of coupled environmental-fatigue damage which promotes
surface-initiated crack formation and fatigue crack propa-
gation. This phenomenon is the primary reason for prema-
ture retirement of directionally solidified (DS) Ni-base
superalloy turbine blades. In view of the significant costs
associated with inspecting, servicing and replacing damaged
components, there has been much interest in characterizing
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the corrosion behavior of these materials and implementing
those observations in life prediction models.

Stress-free diffusion kinetics models have been devel-
oped for Ni-base superalloys at temperatures between
800 and 1200 �C by means of either measuring weight gain
using thermogravimetric analysis (TGA) or by directly
recording oxidation penetration depths at cross-sections
of exposed surfaces [1–3]. The resulting cumulative oxida-
tion rates of Ni-base superalloys were determined as pro-
portional to a power law function of time raised to a
positive exponent less than 0.5 (i.e. oxide growth rate was
sub-parabolic) [4,5] at or below 1000 �C. At higher temper-
atures, the rates approached the parabolic form [6]. Pene-
tration data have been interpolated using a curve fit in
terms of temperature levels and exposure times [3], i.e.

LOX ¼ aðHOXtÞm ð1Þ
Here a is a geometric constant determined from stress-free
experiments and t is exposure time. For narrow tempera-
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ture ranges, the rate exponent m is generally assumed con-
stant. The diffusivity HOX is expressed in Arrhenius form,
i.e.

HOXðT Þ ¼ H0 exp �QOX

RT

� �
ð2Þ

where H0 is a material property, QOX is the activation en-
ergy for oxidation, T is the ambient isothermal temperature
(K), and R is the universal gas constant (8.314 J/mol/K).

Oxide layers display brittle characteristics in the operat-
ing temperatures of hot path turbine blades; therefore, in
the presence of mechanical loading, corroded surfaces frac-
ture and subsequently expose virgin material to reactants in
the ambient environment. There are two key coupled envi-
ronmental mechanical mechanisms that lead to crack initi-
ation in Ni-base superalloys: oxide spiking and oxide
spallation.

Under tensile deformation, the mismatch in elastic mod-
ulus at the oxide/metal interface results in localized stresses
that often exceed the critical fracture strength of the oxide
[7–9]. Scale fracture exposes the local subjacent virgin
metal, which in turn oxidizes and cracks. The cumulative
effects of oxidation-assisted surface crack initiation lead
to oxide spikes that protrude into the bulk material. Super-
imposing increased tensile strain with a temperature drop,
such as the case with linear out-of-phase (OP) thermome-
chanical fatigue (TMF) cycling, results in an uneven ther-
mal strain distribution across the oxide/metal interface,
accelerating the accumulation of oxide spikes in bare
[10,11] and coated [12] Ni-base alloys.

Oxide scales developed during maximum tensile condi-
tions of thermomechanical fatigue reversals experience the
largest stresses at the minimum strain level. Oxide wedging
results from compressive conditions and mismatches in
thermal contraction [9,13,14]. Superimposing the compres-
sive strain with a temperature drop, as in linear in-phase
(IP) TMF cycling, results in an uneven thermal strain dis-
tribution across the interface, accelerating oxide wedging.
With time, wedged oxides detach or spall at the oxide/
metal interface and subsequently expose unoxidized mate-
rial. Adhesive oxide scales, like those deposited on bare
[15–18] Ni-base superalloys, are prone to surface roughen-
ing and pitting with fatigue cycling. In general, this leads
to increased local oxidation rates, which promote both the
crack initiation process and the formation of channels of
damage that penetrate into the material. With continued
cycling, these channels form a crack and, eventually, fati-
gue-dominant microcrack growth overtakes the oxidation
and rupture mechanism.

Several mechanistically based approaches have been
developed to predict the fatigue life of polycrystalline
(PC) Ni-base superalloys subjected to a variety of environ-
mental and isothermal fatigue conditions [1,3,17,19]. For
example, Antolovich and colleagues introduced a critical
oxide depth approach to model the coupled fatigue-envi-
ronment oxidation spiking mechanism observed in René80
[1]. This methodology was developed based on stress-free
oxidation growth kinetics and correlations between oxide
spiking depth with hysteresis variables such as the cyclic
plastic strain range.

Other life prediction models have been introduced to
account for the interaction of fatigue, creep and environ-
mental damage mechanisms resulting from TMF cycling
[20,21]. The surface diffusion kinetics that occur in Mar-
M247, a PC Ni-base superalloy, necessitate that the envi-
ronmental fatigue life Nev account for both oxidation and
c 0 depletion, i.e.

N ev ¼
BðKOX þ KGPDÞ

hcr
�hf

� �1
b _em

2Dem

: ð3Þ

Here mechanical strain range and rate are denoted by Dem

and _em, respectively. The term �hf is the measured thickness
of the oxide and c 0 depletion layers extending ahead of the
crack tip into the material at fatigue life. The material
constants B, b and hcr are determined from TMF and iso-
thermal low cycle fatigue (LCF) tests. The averaged diffu-
sivity constants for oxidation and c 0 depletion,
respectively given by KOX and KGPD, separately describe
the stress-free diffusion under either isothermal or non-iso-
thermal conditions. In the accompanying life model, Eq.
(3) was incorporated into a term that accounts for envi-
ronmental damage, while creep and fatigue damage were
treated separately. This expression was also based on the
observation that environmentally induced microcracks,
e.g. oxide spikes, were the result of repeated rupture and
oxidation of a critical ligament of fresh material ahead
of the crack tip, as observed by Neu and Sehitoglu [22].
When the ligament of material of length h adjacent to
the crack tip fractured, crack advance was parameterized
not only by the oxidation and c 0 depletion kinetics, but
also on the total mechanical strain range, the mechanical
strain rate, and the phasing between the thermal and
mechanical strain rates [21].

In this study, the corrosion kinetics of a DS Ni-base
superalloy is characterized under both stress-free and
stressed conditions. Observations from the microscopy
results are used to develop a critical oxide rupture model.
In application, such models are useful for predicting fati-
gue life [24].
2. Experimental methodology

The material of this study, longitudinally oriented (L-
oriented) DS GTD-111, is a dual-phase intermetallic con-
sisting of a soft matrix and hard precipitates, as shown in
Fig. 1. The c matrix phase is a solid solution strengthened
face-centered cubic (fcc) austenitic Ni. The L12-structured
c 0 precipitate phase is an ordered fcc superlattice of nickel
aluminide, Ni3Al, having a bimodal distribution. The
cuboidal primary precipitates (0.5–1.0 lm) and spheroidal
secondary precipitates (0.05–0.2 lm) have an overall vol-
ume phase fraction of approximately 46%. The c 0 precipi-
tates serve as the main strengthening phase [23].



Fig. 1. Images of (left) the matrix and (coarse and fine) precipitate phases
of a Ni-base superalloy DS GTD-111 and (right) dendritic structure.
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The chemical composition and the grain structure of this
alloy have been optimized to resist creep, fatigue and cor-
rosive conditions common in gas turbine engine compo-
nents. The weight composition of DS GTD-111 is listed
in Table 1. The columnar grains of the material are roughly
2 mm in diameter, impacting various aspects of the
mechanical behavior of polycrystalline material. For exam-
ple, void nucleation and sliding at the grain boundaries are
both limited in L-oriented DS Ni-base superalloy in blade
applications since there are no grain boundaries perpendic-
ular to the primary stress direction.

The experiments conducted in this study are categorized
as ‘‘stress-free’’ and ‘‘stress-assisted’’. In the former case,
polished specimens are subjected to either air or a sul-
phur-rich environment at high temperature for a known
period of time. For the air-exposed cases, specimens are
arranged on a ceramic surface and heated in a resistance
furnace. Small, disc-shaped samples are exposed to combi-
nations of temperature levels ranging from 871 to 1093 �C
and time intervals ranging from 1.0 to 1000.0 h in static air.
In a similar manner, a small number of samples of DS
GTD-111 are exposed to H2S mixed in N2 for 100.0 h at
982 �C. This environment simulates the synthetic gas (‘‘syn-
gas’’) environment common to clean fuel burning turbines.
After the exposure time, specimens are removed from the
furnace, allowed to cool to room temperature and prepared
for microscopy. Direct measurements of oxide and sulfide
ingression are then taken from images of near-surface
regions surface areas.

Thermogravimetric analysis is also conducted to deter-
mine the mass gain Dm due to the syngas environment
exposure. Isothermal tests are carried out using a vertical
tube furnace in which samples are hung using a Pt wire.
The samples are held at two test temperatures, 760 and
1038 �C, for times ranging from 1.0 to 14.0 h in gas with
a composition of H2S mixed in N2. In each case, samples
were weighed after they were removed from the furnace.

Fatigue tests are carried out to determine the interaction
between loading and environment. Both fully reversed
(Re = emin/emax = �1) strain-controlled isothermal creep
Table 1
Nominal chemical (wt.%)

Material Cr Co Ti W Al

DS Ni-base 14.0 9.5 4.9 3.8 3.0
fatigue (CF) and TMF tests are conducted. Generally,
the mechanical strain range Dem is between 0.5% and
2.0%. For CF experiments, compressive strain dwell peri-
ods of either 2 or 10 min were applied and a constant strain
rate of 0.5% s�1 was used. Test temperature levels vary
from 871 to 1038 �C. For TMF cases, Dem = 1.0% is
applied with a strain rate _em of 0.1% s�1. Both in-phase
and out-of-phase cycling TMF tests are conducted. It
should be noted that each test is continued until a 20%
drop in the initiation-stabilized maximum load occurs.
Fatigue crack initiation life data and trends for these and
other related experiments have been previously reported
by Gordon and colleagues [24,25]. Small sections were
excised from the gage sections of these fatigue-tested sam-
ples and prepared for microscopy.

3. Stress-free corrosion: oxidation

Alloy constituents of materials subjected to high temper-
ature diffuse from grain boundaries, interdendritic regions
and c 0 particles in close proximity to the external surface.
The formation of several adjacent oxide scales in the form
of Ti2O3, Cr2O3, Al2O3, etc. depends on the initial concen-
tration of Ti, Cr, Al, etc., respectively, in the alloy. The
accumulated oxidation products clog diffusion pathways,
thereby slowing oxide formation to a steady state. With
continued exposure time, the external scales are measured
via various forms of microscopy, as shown in Fig. 2.

Surfaces of samples that were exposed to static air con-
tain three distinct layers resulting from long term exposure
to high temperature. An energy-dispersive spectrometer is
used in conjunction with an SEM to analyze the chemical
composition of each layer, as shown in Fig. 2. The two
outer layers are surface oxides while the layer separating
the oxides from the unaffected material is the c 0-depleted
zone. Table 2 contains the composition (weight and
atomic percentages) of the major components in each of
these layers, as well as the seemingly unaffected virgin
material.

Several observations can be inferred from the compo-
sitional measurements and their variation with depth
from the external surface. The weight composition of
the unaffected material is the same as the composition
of the as-cast material with the exception that the level
of Cr has decreased. Chromium quickly diffuses from
interdendritic areas to the surface. Although oxygen
does not reach the unaffected material, it is present in
the adjacent precipitate-free matrix layer. As expected,
the oxygen content increases in proximity to the external
surface, accounting for slightly over 40% of the weight
near the surface layer and 16% of the inner layer. The
Mo Ta C Zr B Ni

1.6 2.8 0.10 0.02 0.01 Balance



Fig. 2. Surface oxidation in unstressed DS GTD-111 exposed at 982 �C for 312 h in laboratory air and spectrum for each location.

Table 2
Composition of surface layers in oxidized DS GTD-111

Chemical Unaffected material c 0-Depleted zone Inner oxide layer Outer oxide layer

wt.% at.% wt.% at.% wt.% at.% wt.% at.%

C 6.3 23.9 – – – – – –
Al 3.8 6.4 6.0 11.1 12.9 17.7 3.7 3.6
Ti 5.2 4.9 2.7 2.8 2.9 2.2 11.1 6.1
Cr 8.6 7.5 7.4 7.1 5.4 3.8 43.8 22.2
Co 8.2 6.3 10.0 8.4 8.4 5.3 – –
Ni 65.3 50.4 65.6 55.4 54.4 34.2 – –
W 2.6 0.7 3.7 1.0 – – – –
O – – 4.6 14.2 16.0 36.8 41.5 68.2
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morphologies of the two surfaces oxide layers are dis-
tinct. While the outer layer has the form of a homoge-
neous oxidized material, the inner layer is a composite
of matrix and oxidized material. Compared with the
as-cast material, the outer oxide layer has three times
the amount of Cr and twice the amount of Ti. The Al
content in this layer is minimal. This outer layer is an
oxide that is primarily composed of chromia/titania
(Cr2O3/Ti2O3). The inner oxide layer is composed of a
non-continuous layer of alumina oxide (Al2O3). While
the alumina particles first appear as randomly-spaced
polygons having sizes less than 0.1 lm, they later coa-
lesce into finger-like shapes measuring less than 1.0 lm
wide and 3.0 lm long. Compared with all other loca-
tions, the highest level of Al content is in the precipitate
free zone and in the inner Al-rich layer.
Images of the surface layers as a function of time at con-
stant temperature are shown in Fig. 3. After 3.2 h of expo-
sure, the Cr/Ti-rich layer is already present; however, the
alumina layer is not. By 31.6 h, Al atoms have diffused
from Ni3Al precipitate particles, as evidenced by the thin
precipitate particle depletion zone. These atoms traverse
a short distance and, as the reaction proceeds, alumina par-
ticles react with available oxygen to form larger alumina
particles. These alumina particles grow within the depleted
zone with further exposure. Based on the aspect ratio of a
typical particle at the final exposure time, the lateral expan-
sion rate of the particles (parallel to the surface) was less
than the horizontal growth rate (transverse to the surface).
Plainly stated, they elongate into the surface more rapidly
than they widen along the surface. There is no preferential
oxide growth at grain boundaries or interdendritic regions;



Fig. 3. Surface oxidation of unstressed DS GTD-111. Specimens were exposed at 1038 �C in air for: (a) 3.2 h, (b) 31.6 h and (c) 316 h.
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Fig. 4. Temperature-dependent oxidation ingression and precipitate
particle depletion of DS GTD-111 between 1 and 1000 h.

Table 3
Constants for stress free corrosion models for DS GTD-111

Model a (mm) h (hr�m) Q (kJ/mol) m

Oxidation 1 7603 77.9 0.24
c0-Depletion 1 1153 51.7 0.20
Sulphidation 1 7603 66.9 0.33
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therefore, under stress-free conditions, the underlying
microstructure does not influence oxidation.

Specimens subjected to longer exposure times at con-
stant temperature display an increased depth of oxide for-
mation. Additionally, increasing the temperature at a
constant exposure time has the effect of increasing the pen-
etration depth of the surface layers. Depths of the cumula-
tive oxide layer LOX and the c 0-depleted layer depth, LGPD,
are taken from multiple locations of micrographed sam-
ples. The c 0-depleted layer depth is generally larger than
the depth of the cumulative oxide layer. Data from direct
measurements are interpolated by best-fit two-parameter
power laws. Oxidation accumulation is correlated using
the expression:

LOX ¼ aOXHOXðT ÞtmOX ð4Þ
A similar model is also used to describe the growth of the c 0

depleted layer, i.e.

LGPD ¼ aGPDHGPDðT ÞtmGPD ð5Þ
In Eqs. (4) and (5), the temperature dependence of the dif-
fusivity is expressed via Arrhenius forms for HOX(T) and
HGPD(T), i.e.

HOX ¼ hOX exp �QOX

RT

� �
;

HGPD ¼ hGPD exp �QGPD

RT

� �
ð6Þ

where hOX and hGPD are material properties, and QOX and
QGPD are activation energies determined by plotting the
normalized scale depth vs the inverse temperature and
interpolating the data with modified forms of Eqs. (4)
and (5) and, as shown in Fig. 4. The constants aOX and
aGPD are each normalized as aOX = aGPD = 1.0 lm, with-
out loss of generality. Regression analyses are used to
determine the remaining constants listed in Table 3. Com-
pared with data generated in other studies (René 80:
QOX = 40.2 kJ mol�1, m = 0.5 [1]), DS GTD-111 is more
resistant to oxidation since oxide accumulation occurs less
rapidly.

4. Stress-free corrosion: sulphidation

Gas turbine components are typically subjected to atmo-
spheric conditions that are drastically more corrosive than
static laboratory air. One example is the synthesis gas pro-
duced from the integrated gasification combined cycle,
which is an efficient and clean approach to fossil fuel com-
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bustion. This so-called ‘‘syngas’’ consists primarily of car-
bon monoxide, hydrogen and trace amounts of sulfur com-
pounds which are highly reactive with turbine material.
Generally, the rate of corrosion in sulfur is often several
orders of magnitude greater than that corrosion in air
[26]. Higher diffusion rates of sulfur, low melting eutectic
formation, low solubility and similar energies of formation
at high dissolution pressure all contribute to this enhanced
corrosion rate in sulfur.

Several samples of L-oriented DS GTD-111 were
exposed to H2S in order to compare the kinetics of sulph-
idation to oxidation. The high temperature exposure of the
material to the simulated syngas environment leads to the
transformation of surface layers in the same manner as oxi-
dation. Multiple layers (two sulfide layers and a matrix
layer) occur at the surface of each specimen, as shown in
Fig. 5. The surface layers that accumulate as a result of
exposure in the simulated service environment (i.e. H2S)
are approximately 1.7 times thicker than that which
Fig. 5. Surface corrosion of DS GTD-111 resulting from exposure

Fig. 6. Mass gain histories of DS GTD-111 during TGA. For each case the
right) contained isothermal 100 ppm H2S gas.
occurred with exposure in air; both are exposed at 982 �C
for 100.0 h. This suggests that DS GTD-111 is less resistant
to sulfur attack than oxygen penetration.

Based on TGA, the amount of mass gain is significant
and the corresponding sulfide scale is easily detectable.
Correlation between Dm and penetration depth is made
using the squared mass gain(Dm)2. Two (Dm)2-histories of
DS GTD-111 in the syngas environment (Fig. 6) are inter-
polated via a two-parameter power law, i.e.

ðDmÞ2 ¼ aS;mHStms ð7Þ
where the constant aS,m has units of g2, HS is the unitless
rate coefficient and ms is the rate exponent. For the two
temperatures considered (760 and 1038 �C), the mass
gained at the higher temperature is greater, as was ex-
pected. The activation energy Qs of the reaction is esti-
mated from the Arrhenius relation

HS ¼ hS exp � QS

RT

� �
ð8Þ
to: (a) H2S at 982 �C for 100 h and (b) air at 982 �C for 100 h.

TGA measuring system (schematic of fundamental components shown at
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Here Qs is approximated as 66.9 kJ mol�1, which is lower
than that determined for the oxidation reaction. With the
assumption that the weight gain history is proportional
to sulphide ingression history, an analytical formulation
for cumulative sulphide depth is established, i.e.

LS ¼ aSHSðT ÞtmS ð9Þ
The constants in Eqs. (8) and (9) determined for GTD-111
are listed in Table 3.

5. Stress-assisted surface corrosion

The L-oriented DS GTD-111 specimens tested under
compressive CF cycling exhibit the oxide spiking mecha-
nism [24]. Since the majority of the total cycle time is com-
posed of the dwell period, the accumulated surface oxides
are principally formed when the sample is in compression.
It is likely that the surface oxides are nominally unstressed
during the dwell; furthermore, during the fatigue reversals,
the surface layers are fractured due to the tensile load. Sur-
face cracks are formed as a consequence of the repeated
surface layer rupture (Fig. 7).
Fig. 7. Crack initiation of CF-tested L-oriented DS GTD-111 under _e ¼ 0:5
compression.
The morphology of the oxide layer around the crack tip
varies with respect to CF test conditions under which a
specimen is cycled (e.g. length of strain hold period, strain
range and temperature). For instance, the oxide layer at the
crack tip is considerably thicker for experiments with
10 min hold periods compared with those with 2 min holds.
Fig. 8a and b illustrates this observation for De = 1.0%,
T = 871 �C and _em ¼ 0:5%=s but otherwise having identical
conditions. Increasing the dwell time increases the opportu-
nity for oxygen to diffuse into the virgin material, thereby
facilitating crack tip embrittlement. Decreasing the
mechanical strain range has the effect of decreasing the
stress intensity at the crack tip, thus slowing the rate of cyc-
lic crack propagation. This also results in a thicker oxide
layer surrounding the crack tip. This phenomenon is illus-
trated for the case in which Dem is varied from 1.0 to 0.5%,
as shown in Fig. 8a and c, respectively.

In the TMF experiments, the temperature is continu-
ously cycled between 538 �C and a maximum temperature
of either 927 or 1038 �C. Either in-phase or out-of-phase
cycling is imposed. In all cases, the cycle period is 180 s;
the remaining details for these experiments are given in
%=s, Re = �1, De = 1.0% and T = 1038 �C. For this case th = 10 min in



Fig. 8. Oxide ingression under (a, c) 2 min HC, (b) 10 min HC and (d) TMF-OP. For each isothermal case _e ¼ 0:5%=s.
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Table 4. The L-oriented DS GTD-111 specimens that are
subjected to TMF cycling exhibit the spiking or spallation
mechanism, depending on the phasing. Oxide scales grown
on the metal during maximum tensile conditions of fatigue
reversals experience the largest compressive and shear
stresses at the minimum strain level. Superimposing a com-
pressive stress with a temperature drop in the case of in-
phase TMF cycling results in a nonuniform strain distribu-
tion across the oxide/metal interface, which accelerates the
accumulation of oxide spallation. These adhesive oxide
scales typically adhere to the DS GTD-111 material and
are prone to developing shear cracks that cause wedging.
Table 4
Critical oxide rupture thickness

Test type Temperature, T

(�C)
Test details Me

(%

Creep–fatigue (CF) 871 HC 2 min 0.8
871 HC 2 min 1.0
871 HC 2 min 2.0
982 HC 2 min 0.5
982 HC 2 min 1.0
871 HC 10 min 1.0

1038 HC 10 min 1.0
1038 HC 10 min 1.0

Thermomechanical fatigue
(TMF)

538«1038 In-phase 1.0
538«927 Out-of-phase 1.0
Whereas the oxide spalling mechanism is a consequence
of shear cracking and wedging, oxidation spiking results
from oxide formation under compressive conditions at
high temperatures. Such is the case with OP TMF cycling,
as shown in Fig. 8d. The oxidized material fractures upon
cyclic reversals, much like isothermal compressive CF-
tested cases.

The measured thickness of the oxide layer extending
ahead of the crack tip into the material, �hf , for the most
highly oxidized samples is listed in Table 4. Decreasing
the mechanical strain range causes �hf to increase. Samples
that were subjected to CF cycling with long compressive
chanical strain range, Dem

)
Rupture thickness
(lm)

Specimen ID

3.47 GTD-HC04 (L)
5.49 B17-L-F4 (L)
2.09 GTD-HC10 (L)
7.69 L8-6A (L)
9.89 L8-5A (L)

13.19 B17-L-F10 (L)
11.04 B17-L-F13 (L)
15.38 B17-L-F9 (L)

11.76 L8-9 (L)
1.76 L8-11A (L)
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dwells (10 min) resulted in higher measured values of �hf

compared with those obtained from shorter dwell
experiments.

Measurements were also taken from TMF-tested DS
GTD-111 samples. The measured value of �hf from the sam-
ple subjected to OP cycling (Fig. 8d) is greatly exceeded by
those of specimens subjected to compressive CF conditions
but having the identical mechanical strain range. Oxide
spiking formation is not observed in IP cycled TMF cases.
Oxide spallation, similar to that observed in a prior inves-
tigation by Neu and Sehitoglu [20], is measured as the min-
imum thickness depth of spalled oxide particles at the
surface of the specimen; although it is also denoted by�hf ,
it should be noted that this is an entirely different physical
mechanism. Depth measurements for TMF-IP cases
greatly exceed �hf obtained from TMF-OP specimens.

6. Analytical model for stress-assisted surface corrosion

An expression for the repeated rupture of the oxide
spike tip, which involves mechanical strain range Dem,
mechanical strain rate _em and thermomechanical strain rate
phasing UOX, for continuous cycling cases, was proposed
earlier [10,20], i.e.

�hf ¼
d0

ðDemÞ2UOXð_emÞa
ð10Þ

where d0 and a are constants. The phasing term depends on
the ratio of the thermal strain rate _eth to mechanical strain
rate _em,

UOX ¼ exp � 1

2

_eth
_em
þ 1

nOX

 !2
2
4

3
5 ð11Þ

where nOX is constant. Based on the numerous arrange-
ments of cycling, UOX can take on values ranging from a
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Fig. 9. Experimental (symbols) and modeled (curves) oxide rupture thickness
fatigue.
minimum of nearly 0 (i.e. thermal cycling when j_emj is very
small compared with j_ethj) to a maximum of 1 (out-of-
phase TMF with _eth ¼ �_em). Equation could be enhanced
to account for load histories other than continuous cycling
(CC), e.g. CF cycling, with compressive strain hold periods
for which a coupled environment-fatigue damage mecha-
nism is found to operate. It is important to note that the
dominant mechanism for isothermal CF experiments with
tensile strain hold periods is not associated with environ-
ment-fatigue coupling; instead it is associated with a bulk
CF mechanism [24]. Experiments under CC LCF condi-
tions indicate that DS GTD-111 does not display the oxide
spiking mechanism.

In order to adapt Eq. (10) to compressive hold periods,
observations from microscopy are considered along with
the corresponding cyclic conditions. For example, since
compressive conditions promote oxide growth, the oxides
are stress-free at the peak compressive stress. Models for
�hf , therefore, cannot involve simple summation of the cyc-
lic and hold periods (i.e. tcc + thc). The growth rate of an
oxide spike must be less than that occurring during push–
pull reversals since compressive conditions exist at the tip
of the oxide spike during the compressive hold period.
The formulation for the thickness of the oxide layer extend-
ing ahead of the crack tip is rewritten as

�hf ¼
dcc þ thcdhc

ðDemÞbUenv
cc ð_emÞa

ð12Þ

Here dcc, dhc, a and b are constants, and thc is the compres-
sive hold time (s). This model for �hf is based on corroborat-
ing microscopy that indicates that the growth rate of oxide
spikes generally increases with increasing thc (cf. Table 4).
Clearly, as thc approaches 0, the cyclic oxide growth rate
converges to that occurring during CC conditions. The
phasing term Uenv

cc is equivalent to the UOX that was applied
in Eq. (11), which treats CC and CF cases identically.
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The enhanced model for oxide rupture is applied to
achieve the curve fits shown in Fig. 9. The values for these
constants are as follows: nox = 0.32, a = 0.75, b = 1.5,
dcc = 5.29 · 10�7 lm s�a, and dhc = 2.11 · 10�9 lm s(�a�1).
It should be noted that this model does not directly account
for life (either Ni or Nf) based on oxide spike growth; how-
ever, it can be useful in the development of physically based
crack initiation modeling.

The constants used in Eq. (12) are optimized to fit the aver-
age thickness of the oxide layer at oxide spike tips of speci-
mens at their crack initiation lives. For the other surface-
initiated damage mechanisms, one of them being oxide spall-
ation, �hf correlates very strongly with experimental observa-
tions (Fig. 9b). As such, when this formulation is applied in
crack initiation life predictions, Eq. (12) will give accurate esti-
mates for situations in which oxide spiking is the dominant
mechanism leading to crack initiation. When oxide spiking
is not the dominant mechanism, �hf values will be very large
and will predict long fatigue crack initiation lives.

7. Summary

High-strength DS Ni-base superalloys have been devel-
oped primarily for use in aero-engine structures operating
at temperatures up to and beyond 1093 �C in environments
that contain any of the following elements: oxygen, hydro-
gen, sulfur and nitrogen. The corrosion and rupture kinet-
ics of a directionally solidified Ni-base superalloy are
investigated here under stress-free and stress-assisted
conditions.

Unstressed corrosion of bare Ni-base samples generally
consists of two stages: (i) rapid growth during the initial
transition period; and (ii) slow stable growth during the
subsequent period. This saturation behavior classifies the
material as one that passivates. During the transient per-
iod, reactants in the ambient environment penetration
increase rapidly with the diffusion of various alloy constit-
uents toward the surface, leading to the formation of sur-
face layers. As the result of Al and Ti being stripped
from c 0 particles, a ductile c matrix layer, referred to as
the c 0-depleted zone, forms beneath the cumulative oxide
scale. Since the reactants within the DS material have
higher affinities for sulfur than for oxygen, the sulphidation
process is more aggressive than oxidation. Microscopic
analyses, X-ray energy-dispersive spectroscopy and ther-
mogravimetric analysis are used to develop models that
accurately correlated this corrosion behavior with a power
law with Arrhenius temperature dependence. The slow rate
of surface corrosion of DS GTD-111 translates into com-
paratively less thick accumulated surface layers that have
the effect of improving its resistance to surface crack devel-
opment under fatigue cycling. As such, it is determined that
the chemical composition of DS GTD-111 gives rise to
exceptional corrosion properties compared with counter-
part PC Ni-base superalloys.

Based on fatigue crack initiation life data generated in
previous investigations of CF and TMF behavior on DS
GTD-111 [24,25], microscopy is carried out in order to
characterize the trends of the critical oxide rupture thick-
ness. A critical oxide rupture thickness relation is extended
to L-oriented DS GTD-111 based on direct measurements
from fatigue-tested samples that exhibit an environmental
damage mechanism (cf. Fig. 8). It is determined that the
critical �hf follows a power law trend with mechanical strain
range. Other factors, such as temperature, length of com-
pressive dwell period (for CF cases) and phasing (for
TMF cases), also influence �hf . This critical oxide rupture
thickness term can be implemented in the development of
a physically based crack initiation model for this material.
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